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Atomic-scale model of the grain boundary potential in perovskite oxides
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A combination of experiments and theoretical calculations is used to develop an atomic-scale model of the
grain boundary potential in perovskite oxides. More specifically, pristine 8° and 58°@001# tilt grain boundaries
in SrTiO3, which can be regarded as model systems for all cubic perovskite systems, are examined by
Z-contrast imaging and electron-energy-loss spectroscopy. Based on results obtained from these systems,
distance-valence least-square analysis and multiple-scattering calculations are used to determine the density of
grain boundary states for the 8° and 58° grain boundaries, respectively. To compute the grain boundary
potentials, the Thomas-Fermi approach of screened charges and the classical Schottky model is used. The
validity of both models for various perovskite oxide grain boundary configurations is discussed, and the
appropriate grain boundary potentials are compared with previously reported data.
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INTRODUCTION

Polycrystalline perovskite oxides exhibit a wide variety
properties, such as ferroelectricity, mixed conductivity, a
high-Tc superconductivity.1–3 Many of these properties ar
heavily influenced by the presence and behavior of inte
interfaces. The cubic perovskite SrTiO3 is often regarded as
a model system for more complex perovskite oxide gr
boundaries,4–6 where the bulk properties are very well u
derstood from defect chemistry principles. SrTiO3 itself has
application as positive thermal coefficient thermistors, pie
actuators, boundary layer capacitors, and varistors due t
limited rate of transport of matter and charge through bou
aries and enhanced transport along boundaries, all of w
are highly important for the overall device response. The
fore to develop a fundamental understanding of the struct
property relationships at grain boundaries in perovski
much can be inferred from the study of the SrTiO3 model
system.

While the bulk of simple cubic perovskite oxides is we
understood, there is still considerable debate as to the o
of many widely observed grain boundary properties. Ma
theories introduce generic grain boundary states to exp
the microscopic properties of grain boundaries that lead
the formation of a double Schottky barrier.7 In these models,
the boundary states are induced by the presence of a
dimensional~2D! sheet of immobile charges in the gra
boundary plane, which are compensated by an oppo
space charge in a depletion layer on either side of
boundary.7 While this model assumes a homogeneous dis
bution of these grain boundary states, which is strictly o
true for high-angle interfaces where the grain boundary
location cores overlap, it cannot account for local variatio
in the density of grain boundary states. In addition, t
model assumes that in the area close to the dislocation c
0163-1829/2003/68~21!/214101~10!/$20.00 68 2141
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all charge carriers are completely depleted up to the width
the depletion layer. The Schottky model is therefore uns
able for low-angle interfaces in materials with a screen
length of less than 4 nm.

The Thomas-Fermi screening model presents an alte
tive approach for describing the interfacial potentials in p
ovskite oxides. The validity of the Thomas-Fermi screen
approach relies on a certain number of assumptions. In
ticular, to establish the Thomas-Fermi equation, it is requi
that the solution~i.e., the electrostatic potential! is a pertur-
bation with respect to the Fermi level of the material. Mor
over, the dielectric response of the material is considered
rough approximation, not including the quantum effects d
scribed in the Linnard-Jones approach.8 These will appear if
the inverse screening length of the material is of the sa
order as the Fermi wave vector. Finally, the edges of
band responsible for the conduction should be sufficiently
away from the Fermi level in order to provide enough car
ers for the screening.

When these assumptions are not satisfied, for exam
with a Fermi level very close to the band top or bottom ed
or for very large total potentials, the Thomas-Fermi scre
ing model requires a generalization which leads to
semiconducting-type approach. It is important to point o
that the classical Schottky approach, which is suitable to
scribe the screening after the band has been completely
pleted or filled~i.e., the Fermi level crosses one of the ba
edges!, is not easily generalized in the region where th
Thomas-Fermi approach is valid. The two descriptions
thus complementary, and particular care has to be take
order to establish which description is suitable for the syst
under investigation.

Several high-resolution transmission electron microsc
studies and microanalysis results have suggested amorp
phases or cation interstitials to be the origin of the cha
©2003 The American Physical Society01-1
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KLIE, BELEGGIA, ZHU, BUBAN, AND BROWNING PHYSICAL REVIEW B 68, 214101 ~2003!
imbalance in the boundary plane.9,10 The width of the space
charge layer, correlated to the grain boundary potential,
determined by energy dispersive spectroscopy mappin10

impedance spectroscopy,11,12 and electrochemical measur
ments. The effective width of the grain boundary deplet
layer in acceptor doped SrTiO3 ceramics has been dete
mined to be 30 nm–200 nm, decreasing with increasing
ceptor concentration.4 However, none of these techniques
capable of performing the experiments with the needed
curacy and spatial resolution to measure the grain boun
width.

More recently, the correlation between the structural a
the local electronic properties of SrTiO3 grain boundaries
was obtained by the combination of Z-contrast imaging a
electron-energy-loss spectroscopy~EELS! in the scanning
transmission electron microscope~STEM!.5,6,13,14 In these
studies it was found that@001# tilt grain boundaries contain
characteristic sequences of structural units that do not c
tain any intergranular grain boundary phases.5 However,
these structural units did contain reconstructions that w
proposed to give rise to the local states responsible for
electronic behavior of the grain boundary.6 Self-consistentab
initio density-functional calculations of these units now su
gest that the behavior is subtler than previously proposed
particular, it has been shown that it is energetically favora
for there to be an excess of oxygen vacancies in these u
and in the case of units centered on the Ti sublattice, a
excess.15 Such nonstoichiometry leads to the formation o
highly donor doped, orn-type region, at the boundary rathe
than the formation of a Schottky barrier.

In this paper, we will show direct experimental eviden
for the presence of the proposed excess of oxygen vacan
in the grain boundary plane that is independent of the ca
arrangement, and we will develop an atomic-scale mode
the grain boundary potential for undoped tilt grain boun
aries in perovskite oxides that can be easily extrapolated
variety of acceptor doping concentrations and grain bou
ary misorientation angles. The concentration profile of
cess charges in the grain boundary is measured by colu
by-column EELS for each dislocation core. Based on th
measurements, we developed two different interfacial cha
distributions. The first one describes the charge carriers
series of individual dislocation core charges in the gr
boundary plane@see Fig. 1~a!#. Whether these individual cor
charges overlap is solely determined by the spacing betw
the dislocations and the width of the core charges@see Fig.
1~b!#. The transition from a low-angle grain boundary, whe
the interfacial charge profiles per structural unit do not ov
lap, to a high-angle interface occurs in SrTiO3 at ;14°. The
second charge distribution utilizes a 2D wall of charges
cated at the grain boundary plane. For both experime
results, the low-angle as well as the high-angle grain bou
ary, we will use the Thomas-Fermi screening and
Schottky approach to calculate the interfacial potentials
evaluate the validity of the different models for each in
vidual case. We will conclude by showing that an atom
scale model of interfacial potentials can explain the val
previously reported in the literature for both, the low- a
high-angle grain boundary potentials.
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EXPERIMENTAL SETUP

The results that are presented in this paper are obta
using the JEOL 3000F and the JEOL 2010F transmiss
electron microscopes~TEM!; the EELS results were ob
tained using the JEOL 2010F. Both microscopes
equipped with an ultra highresolution objective lens po
piece, a JEOL annular dark-field detector, a postcolumn
tan imaging filter, and a NORAN x-ray detector. The instr
ments are capable of being operated in either the conv
tional TEM or scanning TEM mode. For the atom
resolution imaging and analysis results shown here, the
coherent high-angle annular dark-field imaging mode
STEM was used exclusively. The key to atomic resolution
STEM16–18 is the formation of the smallest possible electr
probe with sufficient probe current~40 pA! to obtain statis-
tically significant images and spectra. The electron prob
optimized using the electron ‘‘Ronchigram,’’ or ‘‘shadow im
age’’ ~for a more detailed description see Refs. 16 and 19!, to
obtain a probe size of;0.2 nm for these experiments.

The experimental setup of this microscope allows us
the low-angle scattered electrons that do not contribute to
Z-contrast image for EELS.20 As the two techniques do no
interfere, this means thatZ-contrast images can be used
position the electron probe at the desired spot in the sam
and to acquire spectra.16,21,22The physical principle behind
EELS relates to the interaction of the fast electrons with
sample to cause either collective excitations of electrons

FIG. 1. 3D view of the charge distribution of dislocation cor
~a! for a low-angle and~b! for a high-angle grain boundary.
1-2
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ATOMIC-SCALE MODEL OF THE GRAIN BOUNDARY . . . PHYSICAL REVIEW B68, 214101 ~2003!
the conduction bands~plasmons!, or discrete transitions be
tween atomic energy levels.20

For perovskite oxides, we are primarily interested in t
bonding between oxygen and the transition-metal atoms
investigate this, the near-edge fine structure of the oxygeK
edge contains valuable information about the near
neighbor bonding~O 2p with metallic 3d) and the hybrid-
ization with the metalsp band.6 For example, the titanium
core-electron transitions from 2p63dm to 2p53dm11, which
indicate the number of available orbitals for hybridizati
with the oxygen bands, lie in the sensitive part of the ener
loss spectrum.

The formal valence state of the transition-metal eleme
in the structure can be determined from the analysis of theL2
and L3 white lines that are visible due to the spin-orbit i
teraction. More specifically, theL3 andL2 lines are a result
of the transitions 2p3/2→3d3/23d5/2 and 2p1/2→3d3/2, re-
spectively. Further, the chemical shift of the transition me
L-edge onset can be correlated directly to its formal oxi
tion state. However, the theoretical calculation of the ab
lute L3 /L2 ratio or the absolute edge-onset energy still
quires substantial improvement. Hence, the experime
values for an unknown transition-metal oxidation state m
be compared either with results from the literature or pa
metric fits calculated from structures with well-known ox
dation states, to convert the measured intensities and
onset into numerical ionization values.

RESULTS

8° †001‡ tilt grain boundary

Figure 2~a! shows aZ-contrast image of an 8°@001# tilt
grain boundary in SrTiO3 in the ~001! orientation. The mi-
crograph contains the two adjacent grains with cubic sy
metry ~space group:Pm3m , c53.9 Å) and five dislocation
cores at the grain boundary, which show up as dark ovals
to the stress surrounding the dislocation core. The spa
between the cores was determined to be (26.860.7) Å, and
the misorientation angle was measured at (8.360.2)°. Fig-
ure 2~b! shows a higher magnification image of one of t
dislocation cores. The brighter columns in the bulk surrou
ing the core represent the Sr columns and the less br
columns are the Ti-O columns. The pure O columns in t
orientation are not visible, due to the small scattering am
tude of oxygen. The center of the dislocation core conta
five Sr, two Ti-O, and five O-columns. The structure of t
dislocation core for this geometry according toab initio
calculation15 is superimposed on the image. Here, the Ti
columns in the center of the dislocation core are compo
of two fully occupied Ti columns with alternating oxyge
vacancies.

The two core-loss edges of SrTiO3 that are accessible b
EELS are the Ti-L3,2 edges and the O-K edge. The spectra
obtained from the bulk, the grain boundary dislocation co
and the material in between the cores are shown in Figs.~a!
and 3~b!. The Ti-L edges from the bulk exhibit the splittin
of the individualL edges, which is attributed to the cryst
field. The 3eg peak of the Ti-L3 edge is at (462.060.5) eV,
whereas the 3eg-peak of the Ti-L2 edge is at (467.560.5)
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eV. The O-K edge from the bulk contains four distinct pea
in the near edge fine structure, and the onset is locate
(532.060.5) eV. All the spectra presented in this paper a
the sum of 14 individual spectra, acquired for 3s each at the
same position in the sample and added together to impr
the signal-to-noise ratio. They are background subtracted
the intensities are normalized to the continuum 40 eV bef
the O-K edge onset. All the energy scales are normalized
the edge-onset of the O-K edge at 532 eV to avoid latera
shifts in the spectra due to fluctuations in the incoming el
tron energy.

The spectrum from the center of the dislocation core@Fig.
3~b!# exhibits four main differences in comparison to th
bulk spectrum.

~1! The intensity of the Ti-L edge is 21% higher in the
grain boundary core than in the bulk, indicating a higher
concentration in the core.

FIG. 2. ~a! Z-contrast image of a 8°@001# tilt grain boundary in
SrTiO3. ~b! Higher magnification image of one individual disloca
tion core. The proposed dislocation core structure is superimpo
on the original micrograph.~c! Original structure extracted from~b!
and the resulting structure from the DVLS calculations.
1-3
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~2! The Ti-L edge is shifted by (0.860.5) eV shifted to-
ward lower energy-losses, indicating a lower Ti valence
the dislocation core.

~3! The Ti-L edge fine structure, namely, the 2t2g peaks,
is suppressed in height, resembling a mixed T31 and Ti41

valence state.23

~4! The relative peak intensity for the four peaks in t
O-K edge fine structure is different in the grain bounda
core, that is, the first peak shows an increased inten
whereas the second and fourth peaks show a significan
duction in intensity.

FIG. 3. ~a! Ti-L edge from the bulk, the dislocation core cente
and the area between the dislocation cores.~b! O-K edge of the
same areas. The spectra represent a sum of 7–14 individual sp
acquired with 3s acquisition time.
21410
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The spectra from the material in between the individu
dislocation cores exhibit features that are very similar to
bulk. Although a slight shift in the Ti-L edge and a minor
change in the fine structure can be seen in this region, th
features lie within the experimental error and cannot
clearly distinguished from the bulk.

To determine the complete three-dimensional structure
the grain boundary without having to resort to complex th
oretical calculations, we need to verify that the number
atoms and the approximate structure of the boundary are
rect. One simple means to do so is the combined dista
least-squares and bond-valence sum analysis of
Z-contrast image. This distance-valence least-squares an
sis ~DVLS! is based on a concept that was originally pr
posed by Pauling.24 In Pauling’s rules for crystal chemistry, i
is assumed that the formal valence state of a given atom
composed of contributions from all the nearest neighbo
Additionally, the contribution to the valence from each of t
neighbors should be as uniform as possible, i.e., the co
butions to the formal valence state of an atom are sha
equally between the nearest neighbors. These ideas
been further developed by Altermatt and Brown.25,26 In a
systematic study of crystal structures, they find that the c
tribution of a single bond to the formal valence state of t
atoms involved follows the empirical relationship

S5e(r i j 2r 0)/B, ~1!

wherer i j is the bond length,r 0 is the equilibrium value for
each atom pair, and B is a constant (B50.37). While this
relationship is determined only for perfect crystals, there
every reason to believe that the same basic principles
apply to grain boundaries.27 Although such a minimization is
by no means as accurate asab initio calculations, a benefit o
this simple approach is that it requires minimal computati
and within the errors, it can verify that the number of atom
and their positions in the structure are physically reasona

The starting structure for the DVLS minimization is e
tracted from theZ-contrast image shown in Figs. 2~b! and
2~c!. The atomic species are identified using the image int
sities in the bulk of the grain (.1.2 nm from the dislocation
core! and extended into the immediate core area. Theref
the intensities in theZ-contrast image are not directly inte
preted from the grain boundary to avoid problems associa
with residual coherence effects in the image. Immediat
obvious from the image are positions where two Ti-O c
umns are very close together, where like ion repulsion sho
preclude such a structure. However, we know that
Z-contrast image provides mostly incoherent image inform
tion and atomic columns must therefore exist in each of
positions. Kimet al.15 have previously analyzed such dislo
cation core structures usingab-initio calculations and have
shown that two full columns of Ti, but only half columns o
O ~i.e., a 231 reconstruction on the oxygen sub-lattice! are
energetically favorable for such a structure. The structure
which the DVLS analysis is performed therefore includ
these reconstructed atomic columns as shown in Fig. 2~c!.

To perform the minimization, a formal valence state of t
elements involved is assumed. Oxygen (22) and strontium

tra,
1-4



F

a

w

ar
L

t
n

im
m

he
io
e
a
th

ip
e

d
il

l-
u
o
te
t
th

u
k

eV
F
r
o
o

ge
in

ro
e

te
h

t
u
al
m
tu
th

ed
the

ain
bed
he

the
he

ATOMIC-SCALE MODEL OF THE GRAIN BOUNDARY . . . PHYSICAL REVIEW B68, 214101 ~2003!
(21) are assumed to only exist in one valence state.
titanium, we assumed a formal valence state of 41 in the
bulk and 31 in the dislocation core center. The chemic
shift and the changes in the Ti-L edge fine structure justify
such an assumption. The oxygen positions are not kno
from theZ-contrast image, but as the O-K edge fine-structure
does not change radically, the coordination should be ne
the same as in the bulk. The resulting structure of the DV
minimization is shown in Fig. 2~c!, where the initial structure
is indicated by the solid circles and squares, whereas
minimized atom positions are shown by their hollow cou
terparts. It can be seen from the image that after the min
zation process was completed the average shift in the ato
position was 0.1 Å for the determined bulk and 0.2 Å for t
dislocation core; the average Ti valence in the dislocat
core is (3.360.2). With the minimized structure at hand w
are now able to use the three-dimensional structure from
position in the boundary as a starting model to simulate
energy-loss spectrum with multiple-scattering analysis.

The multiple-scattering~MS! simulations for the EELS
spectra are performed using the FEFF8 codes.28 These simu-
lations are based on a self-consistent real-space mult
scattering approach that calculates the x-ray absorption n
edge structure of the desired core-loss edge usingab initio
codes. FEFF8 can be used in arbitrary aperiodic or perio
systems, typically containing more than 100 atoms, wh
including full multiple scattering from atoms within a wel
defined cluster. Higher-order multiple-scattering contrib
tions from atoms outside this cluster are also taken into c
sideration. The near-edge fine structure of the simula
spectra converges for cluster sizes of 84 atoms, and all
subsequent MS simulations are performed on clusters of
size.

Figure 4~a! shows both the experimental and the sim
lated bulk spectra of the O-K edge. In the bulk, all the pea
positions as well as the peak intensities are reproduced
the simulations, which have an energy resolution of 0.8
compared to the 1.0 eV experimental energy resolution.
the multiple-scattering calculations of the dislocation co
@Fig. 4~b!#, we calculated the individual spectra for the tw
reconstructed O columns in the center of the dislocation c
and all other complete O columns that are within a 2 Å
radius from the center of the dislocation core. These oxy
columns, surrounding the dislocation core, have to be
cluded in the simulations due to diameter of the elect
beam~i.e., probe size;2 Å). The comparison between th
experiment and the simulations@Fig. 4~b!# exhibits that the
experimental peak position and also the relative peak in
sities are reproduced well in the theoretical spectrum. T
individual peak intensities and the peak separation seem
be smaller in the simulations, which could be attributed
residual bulklike contribution in the experimental spectra d
to specimen drift, or to the unknown ratio of the individu
O-column contribution to the final dislocation core spectru
Nevertheless, these results confirm the minimized struc
and therefore verify the three-dimensional structure of
grain boundary in SrTiO3.
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58° †001‡ tilt grain boundary

In this section experimental data from a 58°@001# tilt
grain boundary in SrTiO3 will be presented. Figure 5~a!
shows aZ-contrast image of the grain boundary obtain
where the brighter spots represent the Sr columns and
darker spots are the Ti-O columns. This symmetric gr
boundary exhibits the same structural units as descri
above. Half columns of strontium form the center of t
grain boundary dislocation cores.29,30 The spacing between
the individual dislocation cores was measured atd58°5(6.4
60.7) Å. In this image the interface appears darker than
surrounding bulk, due to the lower density of material in t

FIG. 4. Comparison of the experimental O-K edge with the
MS-simulation results~a! from the bulk and~b! from the center of
the dislocation core.
1-5
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KLIE, BELEGGIA, ZHU, BUBAN, AND BROWNING PHYSICAL REVIEW B 68, 214101 ~2003!
grain boundary and, additionally, to the strain that is exer
from the dislocation cores. Figure 5~b! displays the sum of
15 background-subtracted and multiple-scattering decon
luted spectra, which show the differences between the b
and the grain boundary spectra. The spectra are norma
to the continuum interval 30 eV before the onset of the o
genK edge~532 eV!. The most obvious change is the low
intensity of the boundary oxygenK-edge spectrum. Addi-
tionally there is a small change in the fine-structure of
oxygenK edge, with peakC being much more visible than
peaksA and B in the boundary. This reduction of peaksA
andB and fewer counts under the oxygenK edge, suggest a
destruction of long-range order and the presence of ex
oxygen vacancies at the SrTiO3 grain boundary.27 Additional
evidence for the presence of oxygen vacancies is provide

FIG. 5. Z-contrast image of a 58°@001# tilt grain boundary in
SrTiO3, indicating the half-occupied Sr columns in the center of
dislocation cores.~b! EELS from the bulk and the grain boundar
showing the lower oxygen concentration in the grain boundary;~c!
profile of the oxygen concentration perpendicular to the gr
boundary plane as measured by column-by-column EELS.
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a shift in the Ti-L edge of (1.460.6) eV down in energy. The
integrated Ti:O intensity ratio is also increased by 25% at
grain boundary, again suggesting oxygen vacancies. In a
tion to these spectra a set of EELS from the dislocation-c
center and four adjacent columns perpendicular to the in
face was taken. At each position up to 14 spectra w
summed up for an improved signal-to-noise ratio. The b
spectra are obtained from an area more than 20 nm a
from the interface. From the acquired core-loss spec
across the interface, it is now possible to measure the oxy
content in the SrTiO3 material as a function of distance from
the boundary by extracting the Ti:O ratio at each locatio
The difference of this ratio with respect to the bulk value
a function of distance from the interface gives the oxyg
concentration profile@Fig. 5~c!#. The oxygen concentration
profile resembles the shape of a Gaussian func
32@O#e2x2/R2

, where@O#50.760.1 andR5(4.760.7) Å
are two parameters characterizing the charge distribut
andx is the distance from the grain boundary plane.

DISCUSSION

We have shown in this paper that the dislocation cores
a SrTiO3 @001# 8° tilt grain boundary are Ti rich. The ex
perimental spectra show a 21% increase in the Ti:O inten
ratio at the center of the dislocation core, as previou
suggested15 and independently confirmed by our theoretic
modeling. Further, the chemical shift in the Ti-L edge as well
as the changes in the fine structure23 infer that the Ti valence
in the core is reduced. Sankararman and Perry31 used stan-
dard TixOy samples to calibrate the chemical shift as a fun
tion of the nominal Ti valence. Based on these measu
ments, a chemical shift of 0.8 eV corresponds to a Ti vale
of (3.660.2). This value is close to the results of the DVL
calculations, which predict an average Ti valence of (
60.2). The dislocation core charges can now be calcula
by using a fixed oxygen oxidation state of 22 and the re-
duced Ti valence. Taking this into consideration, we find
net charge per dislocation of (0.760.1) excess electrons pe
structural unit. The assumption about the constant oxy
valence is justified by bulk measurements,12 theoretical
modeling,15 and the DVLS calculation presented here, whi
exhibit an average oxygen valence of;22.

The results from the SrTiO3 @001# 58° tilt grain boundary
show that the dislocation cores containing half columns of
atoms are depleted of oxygen, exhibiting a 25% increas
the oxygen vacancy concentration. The excess charge c
ers created by the oxygen vacancies are partially comp
sated by the reduction of the Ti valence from 41 to 3.31.
Taking into consideration the overlap of the charge profi
between the dislocation cores, a net charge of (0.560.1)
e2/unit cell is found.

In the structural-unit model, the grain boundary for ea
misorientation angle is considered to be composed of uni
sequence of such units, and the distance between the d
cations cores is only determined by the misorientation an
Hence, we can assume that the charge profile perpendic
to the interface in the 8°@001# grain boundary exhibits a
shape similar to that of the 58° misorientation angle, with

n

1-6
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ATOMIC-SCALE MODEL OF THE GRAIN BOUNDARY . . . PHYSICAL REVIEW B68, 214101 ~2003!
grain boundary width@full width at half maximum~FWHM!#
of (7.861.4) Å.

We will calculate the excess charge density in the gr
boundary now based on two different models for each m
orientation angle. In the first model, the charge density in
interface is composed of a series of charges located at
center of the dislocation core. Depending on the misorien
tion angle, and therefore also the spacing between the i
vidual dislocations, the charge densities will overlap or
completely separated@see Fig. 1~a!#. The density of states is
calculated by integrating the charge distribution around
core:

SD5
pR2r0

e
, ~2!

wherer0 can be taken directly from the experiment. For t
8° grain boundary, withr0

8°5(0.760.1) e2/u.c, SD
8°57.7

3109 m21, while for the 58° interface@r0
58°5(0.560.1)#

SD
58°55.63109 m21. Please note that this lower density

states in the 58° grain boundary is not contradictory to
commonly observed higher potential drop at the interfa
sinceSD

58° reflects only a single dislocation core and the sp
ing between such cores is very small.

The second model describes the excess interfacial cha
as a 2D-charge distributionSGB . Now, the charge distribu
tion per dislocation coreSD is simply averaged over the dis
location spacingd in the grain boundary plain, so that

SGB5
SD

d
5

pR2r0

de
. ~3!

For the 8° grain boundary, withd8°5(26.860.7) Å, SGB
8°

52.931018 m22, while for the 58° interface withd58°

5(6.460.7) Å, SGB
58°58.831018 m22.

Thomas-Fermi screening model

These negative excess charge distributions will attr
positive charge carriers in the vicinity of the interfac
thereby causing a screening effect. To find the form and
tent of the screened electrostatic potentialf(r ) induced by a
generic charge distributionr(r ), we have to solve the
Thomas-Fermi screening equation:32

¹2f~r !2
f~r !

l s
2

52
1

««0
r~r !, ~4!

where l s is the screening length,« and «0 are the relative
dielectric constant and the permittivity of vacuum, resp
tively.

Performing a 3D Fourier transform intok space, Eq.~4!
now reads

f~k!~k21k0
2!5

1

««0
r~k!, ~5!

wherek051/l s . Equation~5! shows that the solution for th
potential can be easily obtained once the Fourier transf
of the charge distribution is known.
21410
n
-
e
he
a-
i-

e

a

e
,
-

es

ct
,
x-

-

m

For the grain boundaries considered in this study, we
tain the following solutions:

f1D~r !5
SDe

2p««0
E

0

` kdk

k21k0
2

J0~kr !e21/4k2R2
~6!

for the core charge distributions and

f2D~x!5
SGBe

2««0k0
e2k0uxu ~7!

for the 2D sheet of charges located in the grain bound
plain.

The integral in Eq.~6! cannot be easily expressed in term
of elementary function, therefore we have to evaluate it
merically. However, as we are interested mainly in the p
tential drop at the origin, we can give an analytical expr
sion for f1D(0):

f1D~0!5
pr0R2

2««0
e~1/4!k0

2R2

(
2`

` erfcS R

2d
K j D

K j
, ~8!

whereK j5A(2p j )21(dk0)2 and erfc(z) is the complemen-
tary error function.

The screening lengthl s for SrTiO3 is estimated using the
Thomas-Fermi model.

In this limit, the screening length can be found to be33

l TF5A p«a0

4~3p2p0!1/3
, ~9!

wherea050.53 Å is the Bohr radius andp0 is the number of
charge carriers. Changet al.34 reported that nominally un-
doped SrTiO3 typically contains 100–200 at. ppm of acce
tor impurities and we will therefore assume a density of c
riers ~holes! in the bulk ofp051.731025 m23. The value of
the relative dielectric constant was assumed to be that of
bulk at «5332. In this case, the screening length of nom
nally undoped SrTiO3 is l TF54.2 nm.

Since the screening length is comparable to the spa
between the dislocation cores, the resulting grain bound
potential is a superposition of the individual dislocation co
potentials for all misorientation angles presented in this
per. The potential barrier height at the center of the gr
boundary plane can now be found using Eq.~8! to be
f1D

8° (0)52(0.360.1) V. Using the same picture, the pote
tial barrier height for the 58° grain boundary isf1D

58°(0)
52(0.960.1) V. Combining Eqs.~3! and ~7! we find that
f2D

8° (0)52(0.360.1) V and f2D
58°(0)52(1.060.1) V for

the 2D sheet of charges located in the grain boundary pla
Figure 6 shows 3D plots of the interfacial potential in t
Thomas-Fermi approach, using both charge distributions
the 8° and 58° grain boundary.

Since the valence band in undoped SrTiO3 is roughly 3–4
eV wide,35 and the value ofp0 together with the dimension
ality of the material~3D! position the Fermi level around 1
meV from the valence-band top edge, we can safely ass
1-7
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FIG. 6. Plot of the grain boundary potential in the Thomas-Fermi screening model: 3D plot for~a! 8° misorientation angle and~b! 58°
misorientation angle using the charge distribution from the sum of individual core charges;~c! 8° misorientation angle and~d! 58°
misorientation angle using the 2D wall of charges.
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that the Thomas-Fermi formalism is applicable for negat
potentials of the order of 0.5 eV.

Schottky barrier model

The classical model of a back-to-back Schottky barr
adopts the picture of a continuous wall of negative char
located in the grain boundary plane. In this model, there
negative grain boundary interface states and localized h
giving rise to an electrostatic repulsion of the mobile cha
carriers at both sides of the grain boundary plane. Sutton
Balluffi36 have shown that by solving the Poisson equat
for a two-dimensional charge distribution in the grain boun
ary plane, the grain boundary potential is given by

fSM~x!5
eSLD

4««0
S 12

uxu
LD

D 2

, ~10!

where S is the density of grain boundary states andLD
5S/2LD is the depletion layer width. This treatment of th
grain boundary potential is only valid if the induced gra
boundary charges and the bulk charge carriers are of e
signs~i.e., both are either electrons or holes!, since only in
this case a depletion layer due to the electrostatic repul
occurs. In our case, where the grain boundary core cha
are negative, but the bulk charge carriers are holes, we h
to adopt a different model with an accumulation rather tha
depletion layer. Chazalviel8 and Tredgold37 have shown that
the grain boundary potential in this case can be written a
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fSC~x!5
2kBT

e
lnUcosS 2

uxu2LSC

l DA2
D U ~11!

with LSC5 l DA2cos21@eefSC(0)/2kBT# and

SGB
2 52e««0p0@efSC~0!1kBT~e(2efSC(0)/kBT)21!#,

~12!

wherel D is the Debye screening length. The Debye-Huec
limit describes the classical treatment of mobile charges
solution. For a low carrier density, the Debye screen
length can be expressed as8

l D5A««0kBT

e2p0

, ~13!

wherekB is the Boltzmann constant,T the temperature, and
p0 is the number of charge carriers. The screening length
undoped SrTiO3, using the Debye model is thenl D
53.1 nm.

Since Eq.~12! cannot be solved analytically, we have
evaluate this equation numerically and find for the 8° gr
boundary a potential drop offSC

8° (0)52(0.260.1) eV. For
the 58° grain boundary we find a grain boundary potentia
fSC

58°(0)52(0.260.1) eV. These values are significant
smaller than potentials calculated using the Thomas-Fe
approach~see Table I! and do not account for the angula
1-8
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dependence of the grain boundary potential. The resul
grain boundary profiles for the Schottky model@Figs. 7~a!
and 7~b!# show that the potential width for the classic
model is also significantly smaller than for the Thoma
Fermi model. This will influence the overall transport pro
erties across the homo-interface.

This difference derives mainly from the assumption u
derlying the classical Schottky model of a constant accum
lation of all the available carriers, which results in under
timating the region affected by the screening. The Thom
Fermi picture, on the other hand, takes into account be
the distribution of the induced charge, which results in
more accurate description of the grain boundary. Certai
this strongly depends on the band structure of the mate
This means that before choosing the appropriate mode
the interpretation of the grain boundary potential, it is ne
essary to have at least some qualitative information abou
band structure and the position of the Fermi level in
material. Nevertheless, the Thomas-Fermi screening pic
is a more accurate description of the underlying physics
perovskite oxides than the Schottky model.

TABLE I. Grain boundary potential for the different charge d
tributions using the Thomas-Fermi screening and the Scho
model approach.

Misorientation angle SD ~V! SGB ~V! Sa ~V!

8°@001# 20.3 20.3 20.2
58°@001# 20.9 21.0 20.2

FIG. 7. Plot of the grain boundary potential in the Schott
semiconductor model:~a! 3D plot of the 8° misorientation angle
and ~b! 3D plot of the 58° misorientation angle.
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We have shown that both, the Thomas-Fermi and
Schottky model approaches for calculating the grain bou
ary potential in SrTiO3 result in a similar interfacial potentia
shapes, although the potential drop in the grain plane dif
greatly for the two models. Nevertheless, the values obtai
from the Thomas-Fermi approach are in agreement with
grain boundary potentials found in the literature. The
ported results range from 0.3 V for an undoped 24°@001# tilt
grain boundary to (0.960.3) V for 0.2% Fe doped,38 1.2 V
for a 0.2% Ni doped polycrystalline samples,12 and 1.3 V for
0.16% Ni doped grain boundaries.39 The effect of the accep
tor doping will effectively lower the grain boundary poten
tial. Please note that for donor doped SrTiO3 the classical
semiconductor approach~Eq. 10! has to be applied, which
will result in a large depletion layer depending on the bu
donor dopant concentration.

CONCLUSIONS

In this paper, we have developed an atomic-scale mo
for the grain boundary potential in cubic perovskite oxid
and have shown its validity for both, high- and low-angle t
grain boundaries. In the case of low-angle grain boundar
where the individual dislocation cores do not overlap~i.e.,
spacing is larger than the screening length!, we have shown
that the Thomas-Fermi screening model describes bette
interfacial potential. The classical Schottky model large
underestimates the potential for such low-angle grain bou
aries, in particular for materials with high charge carrier co
centrations and small screening length. In high-angle
grain boundaries, the Schottky barrier model is frequen
used to calculate the interfacial potentials. We showed
for acceptor doped SrTiO3 this model is not suitable and tha
the model of a grain boundary accumulation layer has to
used. This model does not seem to be able to account fo
angular dependence of the grain boundary potential wit
the error bars, since it results in identical potentials for b
the high- and low-angle grain boundaries. Further,
Thomas-Fermi screening equation described this situa
more accurately, and large differences in both the poten
height and width between the Schottky and the Thom
Fermi models were noted.

For perovskite oxides, where the charge carrier concen
tion is significantly higher than in the material discussed
this paper, the classical Schottky model using a 2D shee
charges will fail in determining the potential for low-ang
tilt grain boundaries. Since the 1D charge distribution mo
results in the most consistent interfacial potential for SrTiO3,
we will adopt this model in the future to describe those cu
perovskite oxide tilt grain boundary systems, where the
terfacial potential is small compared to the band width a
the Fermi level is not very close to the top or bottom edge
the band. In this case, the Thomas-Fermi screening m
can be easily applied to a large range of misorientat
angles in tilt grain boundaries, where only the dislocati
core spacing and the density of states at the center of the
is changing as a function of misorientation angle.

y
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In the future, we will develop an atomic-scale char
transport model, based on tunneling of the charge carr
through the interfacial potential. The comparison of th
model with conductivity measurements across such ho
interfaces will provide a direct test for the proposed mo
and will lead to a more complete understanding of
atomic-scale structure-property relationship at grain bou
aries in cubic perovskite oxides.
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